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The presence and interaction of nanotwins, geometrically necessary dislocations, and grain boundaries play a
key role in the mechanical properties of nanostructured crystalline materials. Therefore, it is vital to determine
the orientation, width and distance of nanotwins, the angle and axis of grain boundary misorientations as well
as the type and the distributions of dislocations in an automatic and statistically meaningful fashion in a
relatively large area. In this paper, such details are provided using a transmission electron microscope-based
orientation microscopy technique called ASTAR™/precession electron diffraction. The remarkable spatial
resolution of this technique (~ 2 nm) enables highly detailed characterization of nanotwins, grain boundaries
and the configuration of dislocations. This orientation microscopy technique provides the raw data required
for the determination of these parameters. The procedures to post-process the ASTAR™/PED datasets in
order to obtain the important (and currently largely hidden) details of nanotwins as well as quantifications of
dislocation density distributions are described in this study.
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ABSTRACT 
The presence and interaction of nanotwins, geometrically necessary dislocations, and grain 
boundaries play a key role in the mechanical properties of nanostructured crystalline materials. 
Therefore, it is vital to determine the orientation, width and distance of nanotwins, the angle and 
axis of grain boundary misorientations as well as the type and the distributions of dislocations in 
an automatic and statistically meaningful fashion in a relatively large area.  In this paper, such 
details are provided in a cold rolled and annealed Ni-base alloy 617 using a transmission electron 
microscope-based orientation microscopy technique called ASTAR™/precession electron 
diffraction. The remarkable spatial resolution of this technique (~2 nm) enables highly detailed 
characterization of nanotwins, grain boundaries and the configuration of dislocations. This 
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orientation microscopy technique provides the raw data required for the determination of these 
parameters. The procedures to post-process the ASTAR™/PED datasets in order to obtain the 
important (and currently largely hidden) details of nanotwins as well as quantifications of 
dislocation density distributions are described in this study.    
KEYWORDS 
 nanoscale orientation microscopy, nanotwin characterization, ASTAR™, precession electron 
diffraction, spatial distribution of geometrically necessary dislocations, severely deformed 
metallic materials 
1   Introduction 
It is widely accepted that during the interaction of microstructure and defects, size effects 
begin to dominate when the scale of the microstructural features are small or when the number of 
defects is large. Thus, for nanostructured crystalline materials the presence and interaction of 
nanotwins, geometrically necessary dislocations, and grain boundaries play a key role in the 
overall balance of mechanical properties. Nanostructured metallic materials often exhibit 
superior properties such as high yield strength and fatigue resistance with an attending debit in 
tensile ductility [1]. It may be possible to improve the overall balance of properties by tailoring 
the microstructural features, along with composition. For example, the introduction of a large 
volume of nanotwins (which form in metals with low or intermediate stacking fault energy such 
as Ni and Cu [2]) simultaneously improves often competing mechanical properties (e.g. yield 
strength and ductility) without negatively or considerably affecting other physical properties, 
e.g., electrical conductivity [3].  This is achieved by promoting a ductile failure mode via the 
reduction of the spacing between multiple twins to an average inter-twin distance of <15 nm [4].  
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In reality, there is a significant lack of understanding of the phenomenon that occurs when 
the size-scale of the microstructure is quite small relative to the defect size. Indeed, with respect 
to plasticity there can be seemingly confusing and contradictory trends. For example, it is shown 
that for a case where the distance (d) between nanotwins is larger than 150 nm, the Hall-Petch 
equation is valid and the hardness follows d-1/2 dependence. However, for smaller distance values 
(e.g. d<100 nm), a d-1 dependence was observed. This deviation has been rationalized based on 
the nanotwin-dislocation interactions [5]. Another study by Zhao and LeSar showed that for thin 
grains that comprise a thin film, the exponent of the Hall-Petch relationship (a) for yield strength 
was highly dependent upon both the diameter as well as thickness. For thin grains (i.e., t<250 
nm), the exponent a is ~0.27, whereas for thick grains (i.e., t>1500 nm), a is ~0.51 [6].   
Similarly, it has been noted that the Hall-Petch effect shows two opposite trends depending 
upon the thickness of the nanotwins in submicron grained fcc metals [7]. While a normal Hall-
Petch strengthening relationship is observed for nanotwins exhibiting a width greater than 15 nm, 
grain boundary softening (i.e., an inverse Hall-Petch relationship) is the controlling phenomena 
for the smaller nanotwins leading to softening. The deviation from a normal Hall-Petch 
relationship can be attributed to the loss of nanotwin boundary coherency (and their subsequent 
conversion to nanograin boundaries) due to the interaction of twins with dislocations. Moreover, 
dislocations which run parallel to nanotwins can pass the twin boundaries readily while others 
are blocked strongly [8]. Also, it has been shown that by reducing the thickness of the twins 
present, a transition of the rate controlling mechanism from intra-twin to twin-boundary-
mediated processes happens [9]. Thus, it can be concluded that in order to better design 
materials, it is vital to correlate processing with the nanostructure.  In order to make such a 
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correlation, it is necessary to measure the orientation, width and distance of nanotwins as well as 
the type and configuration of dislocations in a statistically meaningful fashion, which requires 
that analysis be conducted over a relatively large area (~10-100 µm2).   
Since the interfacial area (e.g., grain boundaries and twin boundaries) is considerable in 
nanoscaled materials, interfaces play a key role in deformation specifically in intragranular slip, 
twinning [10] and in the interaction of nanotwins with grain boundaries.  For instance, in 
nanograined materials, grain boundary sliding leads to nanocrack nucleation in the stress field of 
grain boundary disclinations (1D rotational defects [11]) [12]. In the case of bcc and fcc crystal 
structures, the main parameters which affect the nucleation of a crack from a nanotwin arrested 
at a grain boundary are the nanotwin width, the external stress, and the angle between the 
nanotwin and the grain boundary plane [10]. In addition, the grain boundary misorientation 
determines whether a nanotwin is allowed geometrically to cross the grain boundary and pass 
through the neighbor grain [10]. Recently, a model for nanotwins induced by grain boundaries 
during deformation has been proposed [13]. In this model, the importance of dislocation 
configuration close to grain boundaries and triple junctions is highlighted. Similar to the 
importance of high fidelity nanotwin-dislocation characterization, it is essential to gain a deep 
understanding of the details of the nanotwin-grain boundary interactions. Such details could be 
provided via an orientation microscopy technique with a spatial resolution of only a few 
nanometers.  
Electron backscattered diffraction (EBSD) in the scanning electron microscope (SEM), as a 
frequently used technique in such orientation microscopy studies, has (at best) an ultimate spatial 
resolution of 20-30 nm for slightly deformed materials [14] and greater than 100 nm for severely 
Nearly Final document prior to publication in Materials Characterization.  
Some peer review edits may not be accurately captured. 
Final text available at http://dx.doi.org/10.1016/j.matchar.2015.10.002 
5 
 
deformed materials [15, 16]. The spatial resolution of the EBSD technique can be improved to 
10 nm by reducing the accelerating voltage to 7.5 kV, but with attending reductions in signal to 
noise and experimental time. Furthermore, this method is not easily applicable to the current 
EBSD equipment and the standard set-up [17]. The limitations of the EBSD technique for the 
characterization of nanotwin lamella (with the maximum width size of less than 100 nm) is 
reported in different studies [18-20]. A novel proposed procedure for orientation microscopy 
studies of nanotwins is a combination of ion channeling imaging and EBSD. In this approach, 
the location of nanotwins are detected by ion channeling imaging method and their orientations 
are determined based on the post processing of EBSD results [21]. However, this method is not a 
universal technique, owing to the intrinsic limitations of EBSD in general, such as the 
degradation of Kikuchi patterns at large strains [22].  
Transmission electron microscopy (TEM) methods have been used commonly to study the 
structure and defects of nanomaterials [23]. These methods are complex and are limited to the 
analysis of a few features of interest. Dingley [24] developed an automated orientation 
microscopy technique for TEM in which crystal orientations are determined based on series of 
recorded dark field images. Similarly, an automated Kossel-Kikuchi line based method was 
applied to probe nanotwins by TEM [25]. Unfortunately, these two methods are not applied 
easily to highly strained materials. Another automated TEM-based orientation microscopy 
technique was developed through recording and indexing Kikuchi and spot diffraction patterns 
[26]. This powerful method is limited to samples and imaging conditions in which the 
kinematical theory of electron diffraction is valid – a condition that is often, regrettably, not 
satisfied under most experimental conditions.  
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ASTAR™/precession electron diffraction (ASTAR™/PED) [27, 28] is an emerging TEM-
based orientation microscopy technique that promises to change the way that the fine scale 
features (e.g., grains with diameter smaller than 100 nm) of crystalline materials are studied and 
which has a remarkable spatial resolution (~2 nm). The precession of the electron beam 
effectively changes the dynamical electron diffraction to quasi-kinematical electron diffraction 
[29], and not only sharpens the recorded spot diffraction patterns but also reduces/eliminates 
Kikuchi lines and residual background from the pattern. Precessing the beam also avoids double 
diffraction and 180° ambiguity problem during diffraction pattern indexing. The influence of 
beam precession on improving the acquired diffraction patterns is shown in Fig. 1a-d. Diffraction 
patterns which belong to a single grain within a thin film of a commercially pure titanium alloy 
and oriented close to a major zone axis were captured without precessing the incident beam (Fig. 
1a) and with precessing the direct beam (Fig. 1b). Similar approach was followed for a crystal 
oriented far from a major zone axis (Fig. 1c-d). A current limitation to ASTAR™/PED is that the 
angular resolution of as-acquired ASTAR™ /PED datasets is reported to be low (~0.8° [28]), in 
comparison to EBSD which is ~0.5° [30], due to the fact that spot diffraction patterns are less 
sensitive to small lattice rotations. This drawback can be fixed partially by some post processing 
methods [28].  
As stated above, the accurate characterization of nanotwins requires that many attributes be 
analyzed, including the crystallography of nanotwins, the size of nanotwins and their proximity 
with other nanotwins, as well as their interactions with grain boundaries and dislocations. In this 
paper, ASTAR™/PED is introduced as a technique which provides the raw data needed to 
achieve the previously noted information. The procedures to post-process the ASTAR™/PED 
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datasets in order to obtain the important (and currently largely hidden) details of nanotwins are 
described in the subsequent sections. The application of transmission-based orientation 
microscopy will not only be helpful in understanding plasticity in nanotwinned materials, but the 
other nanoscaled materials for which trends are seemingly contradictory. Notably, in this study, 
nanocrytsalline materials are considered as materials with the grain diameter within the range of 
1 nm to 250 nm [31]. 
 
2   Experimental methods 
2.1   Experimental approaches 
 
An Inconel 617 sample with the approximate composition of Ni-22Cr-12Co-9Mo-1.2Al (all 
in weight percent) was rolled to a 60% reduction at room temperature and then annealed at 400 
°C for one hour. A TEM sample was prepared along the rolling direction using conventional 
techniques involving dimpling and argon ion milling using a Fischine 1010 Ion Mill. Similarly, a 
TEM sample was prepared from a severely deformed commercially pure titanium alloy. TEM-
based orientation microscopy was performed using ASTAR™/PED (NanoMEGAS, Brussels, 
Belgium) hardware and software package installed on an FEI Tecnai G2 F20 S-Twin FEG 
scanning/transmission electron microscope (S/TEM) operating at 200 KeV. It is imperative to 
note that various terminologies have been used for ASTAR™/PED technique. Some of these 
alternative terminologies are ACOM-TEM [32], IFPOM [33], D-STEM/PED [34], PACOM 
[28]. In this study, ASTAR™ represents the technology of rastering the direct beam over the 
Nearly Final document prior to publication in Materials Characterization.  
Some peer review edits may not be accurately captured. 
Final text available at http://dx.doi.org/10.1016/j.matchar.2015.10.002 
8 
 
entire region of interest and PED refers to the technology of precessing the direct beam from the 
optic axis. 
The electron beam was aligned for spot size of ~1 nm (which is equivalent to the spot size of 
nine on the FEI Tecnai [16]) and was precessed at an off-axis angle of 1.3° with the precession 
frequency of 100 Hz. The diffraction patterns were collected with the exposure time of 60 ms. A 
5*5 µm2 region of each specimen scanned with the step size of 10 nm. The diffraction patterns 
were acquired as 144*144 pixel images at a camera length of 71 mm via an external high frame 
rate camera (a Stingray camera F-046, Allied Vision Technologies). Well-established image 
processing algorithms were applied to the recorded diffraction patterns to distinguish the 
diffraction spots from the background. Indexing the spot diffraction patterns was conducted by 
matching the recorded patterns, which were saved in a Blockfile, with the simulated diffraction 
patterns (> 5000 templates). The indexed pattern results were written as an *.ang file format for 
further post processing on TSL OIM™ software (TSL OIM™; EDAX, Mahwah, NJ, USA). The 
orientation dataset was cleaned up by disregarding data points with a confidence index smaller 
than 0.1. Also, the reference frame of ASTAR™ was adjusted in accordance with the TSL 
OIM™ software reference frame [16].  
2.2 Analytical approaches 
The higher-order gradient method, an alternative to classical plasticity, is able to describe the 
behavior of crystalline materials with respect to their length scale [35]. Based on this method, it 
is possible to define plastic strain gradients in the framework of geometrically necessary 
dislocations (GNDs) in which the rotation gradients inside a Burgers circuit is assigned to the 
stored GND density. Preserving the lattice continuity requires the existence of GNDs (that is to 
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say, the existence of GNDs is associated with lattice rotations). The lower bound of GND 
dislocation density can be calculated from an orientation dataset [36]. In this method, finite 
lattice rotations (i.e. the misorientation between an Euler angle set and its neighbors) determines 
the infinitesimal rotation components [37]. GND density calculations from an orientation dataset 
is explained nicely for EBSD [38-41] and ASTAR™/PED [42] acquired orientation datasets. For 
the sake of completeness, the procedure of GND density calculation from an orientation dataset 
is explained briefly.Local lattice rotations (distortions) are calculated from the local 
disorientation values (the smallest misorientation between two Bunge Euler angle sets after 
applying crystal symmetries to the both orientation sets), according to Eq. 1,  
                                    
12cos
1
− Δ
Δ = Δ
− Δ
0
2
0
q
q
w q                       Eq. 1                                             
where Δ𝒒 is the disorientation between the two orientation sets. The lattice curvature 
components can be calculated from the local lattice rotations (Eq. 2) 
                                                                   
= kkl
l
w
x
κ
∂
∂                            Eq. 2                                             
where k and l are principal directions varying from 1 to 3. Generally speaking, these methods 
provide 2D orientation datasets. As a result, there is no information regarding lattice curvatures 
in the third direction. This fact limits the calculations to the determination of the lower bound of 
GND density. 
Of the two GND line energy minimization methods currently available [43, 44], the L1 
method [37] was used to determine the configuration of dislocations which leads to the smallest 
dislocation (line) energy. In this method, the total line energy is defined as a function (F) which 
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is to be minimized. This function is the summation of the energy of all the possible pure edge 
and screw dislocation configurations which can exist in a crystal structure1. For instance, for the 
case of fcc crystal structures, there are twelve pure edge and six pure screw dislocations [35] and 
for the case of ideal and arbitrary hcp crystal structures, there are twenty four pure edge and nine 
pure screw dislocations [38]2. The total line energy function, F, is minimized based on the 
simplex minimization algorithm [45] through applying three constraints as well as considering 
the fact that the energy of pure edge dislocations is proportional to b2 where b is the Burgers 
vector and (b2/(1-ν)) for pure screw dislocations where ν is the Poisson’s ratio). The first 
constraint in the minimization approach is the fact that the dislocation density assigned to each 
dislocation type is either zero or positive. The second constraint is that the Burgers vector must 
be positive. In this case, for each individual dislocation type, two different directions for a 
Burgers vector are considered and finally the summation of their absolute values is reported as 
the dislocation density assigned to that specific dislocation type. Due to this second constraint, 
the total number of pure edge and screw dislocations in fcc and hcp crystal structures are 
considered as 36 [39] and 66 [38], respectively. The third constraint is set as Eq. 3, in which the 
presence of the lattice curvatures is assigned to the existence of pure edge and screw 
dislocations, where b is the Burgers vector, l is the dislocation line, ρi is the dislocation density 
for dislocation i and the last column elements are the local lattice curvatures. It should be noted 
in bxly, x and y represent sample coordinate axes. 
                                                
1 It is worth noting that dislocations cannot be of a mixed character in L1 method. 
2 Regarding hcp materials, different elements/materials will exhibit differences in the selection of which slip systems 
(i.e., basal, prismatic, pyramidal) are active. 
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Improvements in the angular resolution and calculations of the dislocation density 
distributions were conducted using a MATLAB code developed by the authors [42] and which 
has been integrated with the quantitative texture analysis software (MTEX 4.0 [46]) running on 
an eight core XEON, 2.4GHz, Dell Precision T3600. 
3   Results and discussion 
Below, the characterization of nanotwins in a severely deformed nickel alloy (i.e., Inconel 
617) is presented. In this section, given the novelty and newness of the approach, it is appropriate 
to present the methods of extraction of all the information required to study nanotwins from an 
orientation dataset collected using the ASTAR™/PED technique. The required information 
includes the crystallography of nanotwins, the size of nanotwins and their proximity with other 
nanotwins, the grain boundary angle and axis of misorientation as well as the spatial distribution 
of dislocation densities. Following this first section, the distribution of dislocation density and 
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grain boundary analyses will be discussed for a severely deformed commercially pure titanium 
alloy which has a different crystal structure (i.e. hcp) than that of the nickel sample (i.e. fcc). 
Ultimately, it should be possible to fuse the different types of data – i.e., aspects of the 
microstructure and boundary character with the distribution of defects.  
3.1   Nanotwin characterization  
The bright field electron micrograph presented in Fig. 2a shows narrow and parallel features 
that exist in the severely deformed nickel sample. A higher magnification many-beam bright 
field micrograph (Fig. 2b) can be used to determine some important characteristics of these 
features (e.g., that their width is considerably less than 100 nm). However, other important 
information, such as the nature of the feature (e.g., nanotwins or shear bands), is not clear. While 
conventional selected area diffraction (SAD) experiments could be used to determine whether 
such a feature is a nanotwin, SAD integrates all of the local crystal orientation information 
present within the confines of the virtual aperture, which in this case would capture multiple 
features of interest, thereby clouding the interpretations. 
On the contrary, not only does the ASTAR™/PED technique (effectively, a convergent beam 
electron diffraction pattern) provide information from a much larger area and with a much finer 
spatial resolution, but the acquired orientation dataset can be post-processed to obtain additional 
information (e.g. local orientations, twin characteristics, grain boundary characteristics, 
dislocation density distribution). For example, an inverse pole figure (IPF) of an ASTAR™/PED 
acquired orientation dataset of the nickel sample is shown in Fig. 3a. Features similar to those 
shown in Fig. 2(a,b) were probed using the ASTAR™/PED, and are observed here. The IPF map 
shows that the width of these bands varies from ~50 nm to ~400 nm, and that the inter-twin 
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distance ranges from ~200 nm to ~2000 nm. Immediately, three observations are obvious, and 
none are surprising. Firstly, all are the same phase. Secondly, all of the detected and 
geometrically parallel bands share a similar crystallographic orientation, visualized by their 
assigned color. Lastly, their major axes are largely parallel. The latter two strongly suggest a 
certain crystallographic relationship. A portion of Fig. 3a which contains nano-size bands was 
enlarged and shown as Fig. 3b. The high spatial resolution of ASTAR™/PED enables the 
detection of bands with the average width of less than 30 nm (the band enclosed with A and B 
points in Fig. 3b). By post-processing the dataset using TSL OIM™ software, the green bands 
surrounded by dark lines have been identified as Σ3 twins (60° <111>).  
In order to confirm the existence of the nano-size twins that were detected by 
ASTAR™/PED, the original data belonging to a virtual line (AB, see Fig. 3b) and the crystal 
orientations were further analyzed. The AB line is comprised of eleven pixels. Each pixel 
represents one recorded diffraction pattern. Five of these diffraction patterns were located inside 
the twin area (daughter) and the rest belong to the matrix (parent). A diffraction pattern 
associated with a pixel located in the matrix is shown in Fig. 4a. The automated ASTAR™ 
indexing software, i.e. ACOM (Automated Crystal Orientation Mapping), determined the 
simulated diffraction pattern shown in Fig. 4b exhibits the ‘best matching’ with respect to the 
recorded diffraction pattern. The schematic of the unit cell orientation relative to the electron 
beam direction (parallel to our viewing direction) which leads to the indexed diffraction pattern 
as well as the <111> pole figure are shown in Figs. 4(c,d), respectively. The corresponding 
information for a data point acquired from inside the nanotwin band is shown Figs. 4(e-h). It is 
imperative to highlight the important role of ASTAR™/PED in nanotwin characterization of 
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severely deformed metallic materials by comparing Fig. 4a, Fig. 4e, Fig. 1b and Fig. 1d. Since 
Fig. 4a and Fig. 4e appear quite similar, the differences between the two images were calculated 
and are shown in Fig. 4k.  
The eight-bit recorded spot diffraction patterns depicted in Figs 4(a,e) were opened as 
intensity matrices in MATLAB software. Since the intensity of the real diffraction spots is larger 
than 75 (a.u.) in this study (based on the visual assessment), any intensity values smaller than 50 
(a.u.) were changed to zero to remove the background (noise) of the images. Following this 
initial step, the difference matrix (i.e., [Mdifference]= [Mparent]- [Mtwin]) between two matrices (i.e., 
[Mparent] and [Mtwin]) was determined.  
The pixels of the diffraction patterns in which the intensity of the parent phase (Fig. 4a) is 
greater than daughter phase (i.e., [Mdifference]>0) are shown in light blue color in Fig. 4k. 
Conversely, for pixels whose intensity is greater in the twin region (i.e., [Mdifference]<0) are 
visualized using a light green color in Fig. 4k. Figure 4k demonstrates the fact that although 
some vital differences exist between the two diffraction patterns, it is very difficult to distinguish 
such differences without careful post-processing of the data. Finally, the point-to-point (local) 
and point-to-origin (global) misorientations along AB line are shown in Fig. 4(l). The small 
variations in the local misorientation plot can be attributed to the 0.8° angular resolution of 
ASTAR™/PED [28] (i.e. 0.8° uncertainty in the orientation determination) and potentially the 
existence of defects (e.g. GNDs) which cause lattice distortions. This small variation in the local 
misorientation does not affect the Σ3 twin (60° <111>) detection due to the fact that the 
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misorientation made by the nanotwin is much larger than any small local misorientation 
variations due to noise3.  
The importance of such techniques with a greatly improved spatial resolution, such as 
ASTAR™/PED, can be illustrated by way of an example to determine the coherency of twin 
boundaries for twins <100 nm thick. In order to consider the boundaries of Σ3 twins (60° <111>) 
as coherent twin boundaries, the twin boundary plane must coincide with the twinning plane 
[47], i.e. the twin boundary plane must be parallel to the {111} planes on either sides of the twin. 
Since the acquired orientation dataset represents 2D information (no information is provided 
along the z axis of the studied sample), it is impossible to directly determine the 3D nature of the 
twin boundary with respect to the twining plane. However, according to the 3D orientation 
microscopy results provided by EBSD, it is shown that when the trace of the twin boundary is 
aligned with respect to the trace of a twin plane, the twin boundary is also aligned with the 
twinning plane in 90% of the cases [48]. For the sake of completeness, all the five boundary 
characters (i.e. three for the lattice misorientations and two for the orientation of boundary plane) 
can be derived either from 2D orientation dataset via following stereological method [49, 50] or 
fusing the 2D orientation microscopy results acquired by ASTAR™/PED with the results of 
manual or automated tomographic tilt experiments, or top-bottom experiments. The <111> pole 
figure of the orientation dataset containing a nanotwin (Fig. 5b) is shown in Fig 5a. The dashed 
circle in the pole figure includes two aligned poles which belong to the nanotwin and matrix. 
Since the twin boundary trace normal of the reconstructed twin boundary (i.e., the black vector in 
                                                
3 Notably, the twin plane deviation tolerance was set to 2° in the TSL OIM™ software. 
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Fig. 5a and b) is not well aligned with the poles surrounded by the circle, it can be concluded that 
the studied twin boundary is not fully coherent.  
 
3.2   Dislocation density analyses  
Orientation microscopy of the severely deformed commercially pure titanium alloy was done 
by ASTAR™/PED. The quaternion misorientation plot (Fig. 6a) shows nano-size grains. Slightly 
more than a hundred grains, defined by minimum misorientation between two grains of 5°, were 
identified automatically by TSL OIM™ software in a ~1.15 µm2 area. Based on the color legend 
shown in Fig. 6b, it is clear that there is a significant orientation variation (and, consequently, an 
expected broad variation in mechanical properties) in most of the grains with respect to their 
neighbors. Such orientation information is crucial when characterizing severely deformed 
materials. The grain size distribution is shown in Fig. 6c. This plot quantitatively indicates that a 
considerable number fraction of the detected grains have a diameter smaller than 100 nm (i.e. 
nano-size grains). In addition, the grain boundary angle and axis of misorientation can be 
determined readily by matching the color and contrast with the color legend shown in Fig. 6b 
and finding the location of the matched color and contrast in the triangle, respectively. As an 
example, an overlay of grain boundaries expressed by their quaternion (as a color and contrast) 
with the index map is shown in Fig. 6(d). All the presented results in Fig. 6 (i.e. grain boundary 
misorientation angle and axis as well as the grain size distribution) will enable the development 
of polycrystal grain refinement models [51, 52] and the rigorous assessment of the effect of grain 
refinement on misorientation correlation between a grain and its neighbors [53, 54].   
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The dislocation density distribution maps of <a>-type pure screw dislocations with the 
Burgers vector of 0.3[2110]	and	<c+a>-type pyramidal pure edge dislocations with the Burgers 
vector of 0.3[2113] are shown in Fig. 7a and Fig. 7b, respectively. The minimum detectable 
dislocation density was calculated according to Eq. 4 [55], 
																																																 min Angular resolution (rad)Step size * Burger's vector lengthGNDρ = 																																											Eq. 4 
where the improved angular resolution via Kuwahara filter was 0.4°,	the	step	size	was	10	nm	and	 the	 Burgers	 vector	 length	 was	 0.295 nm for <a>-type dislocations in an alpha phase 
titanium. Interestingly, both <a>-type and <c+a>-type dislocation density distribution maps 
presented in this study are consistent with the TEM-conducted direct observations of these 
dislocation types in the severely deformed area of a nanoindentation located in the α phase of an 
α/β titanium alloy [56]. It is shown that the population of <c+a>-type dislocations is more than 
the <a>-type dislocations in the area beneath the nanoindentation in which the material was 
deformed largely [56]. Importantly, the same observations are made here. 
Pivotal information can be derived from the dislocation density distribution plots [42]. For 
instance, the dislocation architecture around a nanotwin or a grain boundary can be studied 
simply by examining this type of plot. Also, the effect of the orientation of a neighboring grain 
and its deformation on the dislocation density evolution of the first grain can be studied. As an 
example, two adjacent grains which are surrounded by a red rectangle in Fig. 7b represent two 
opposite dislocation density evolution scenarios, i.e. one is almost devoid of dislocations while 
the other one has, essentially, a uniform dislocation density distribution. Notably, dislocation 
density distributions [57] and dislocation-grain boundary interactions [58] provide bases for 
plasticity studies [59]. The fusion of microstructure and defect structure data is seen as an 
essential component of integrated computational/experimental strategies that may provide 
answers, and thus allow the unresolved questions associated with plasticity to be resolved.  
4   Conclusions 
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Given that the plasticity of structural metallic materials is ultimately controlled by the interaction 
of the defects (i.e., dislocations and deformation twins) with the microstructural features, it is 
imperative to be able to link defects and microstructure. This paper has taken two materials 
where the scale of the microstructural features is at the nano-scale, and thus which exhibit 
interesting mechanical properties. In order to simultaneously resolve the nanostructure and defect 
structures, the ASTAR™/PED technique is presented. This technique is a TEM-based orientation 
microscopy technique, and has been used to characterize the following attributes of the 
microstructure and the defect structure. 
- For nanotwins, it is shown that it is possible to accurately determine their width, 
orientation, their intertwin spacing and their coherency. 
- The distribution of dislocation density of geometrically necessary dislocations can be 
determined via using the orientation dataset acquired by this technique. Poor angular 
resolution of this technique is the main problem of resolving dislocation densities in 
materials that have not been subjected to severe plastic deformation.  
- The angle and axis of misorientation of grain boundaries can be determined using this 
technique. 
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Figure 1. Contribution of precessing the direct beam on sharpening the acquired diffraction 
pattern iamges (a) The diffraction pattern of a crystal oriented close to a major zone axis when 
the direct beam is not precessed (“PED off” condition) (b) The same situation as “a” with 
precessing the direct beam  for 1.3° (“PED on condition”) (c) The diffraction pattern of a crystal 
oriented far from a major zone axis in a PED off condition (d) The same situation as “c” with 
PED on condition.    
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Figure 2. Many-beam bright field TEM images of a severely deformed Ni-base alloy 617 (a) 
Same-direction narrow bands (b) Bands with less than 100 nm width 
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Figure 3. PED recorded orientation dataset for a severely deformed alloy 617 sample (a) IPF map 
(b) Enlarge view of the region surrounded by dashed rectangle in “a” 
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Figure 4.Characterization of the nanotwin exists between A and B points in Fig. 3b (a) Recorded 
diffraction pattern from an area out of the nanotwin (b) Simulated diffraction pattern which 
mostly matches the diffraction pattern shown in “a” (c) Schematic of the crystal orientation (d) 
111 pole figure (e) Acquired diffraction pattern from a region inside the nanotwin (f) Most 
mathced simulated diffraction pattern for the one shown in “e” (g) Schematic of the crystal 
orientation (h) 111 pole figure (k) Differences between “a” and “e” diffraction patterns (l) Point-
to-point and point-to-origin misorientations along the hypothetical AB line. 
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Figure 5. Coherency analysis via trace method of a detected nanotwin boundary (a) 111 pole 
figure of the matrix and nanotwin shown in “b” (The solid vector represents the twin boundary 
trace normal while the dot arrow shows the oirentation of the boundary trace normal in the fully 
coherent condition) (b) Norml direction to the reconstructed Σ3 nanotwin boundary (60° <111>).  
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Figure 6. Characterization of a severely deformed commercially pure titanium alloy (a) 
Quaternion misorientation plot (b) The color legend of quaternion misorientation plot (c) Grain 
size diameter distribution (d) Grain boundary in quaternion color overlaid on the index map   
 
 
 
 
 
 
 
Figure 7. Dislocation density distribution plots in a commercially pure titanium alloy (a) <a> 
type screw dislocation with b=0.3[2110] (b) <c+a> pyramidal type edge dislocation with 
b=0.3[2113]   
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